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a b s t r a c t
Mo is widely used as an effective microalloying element to improve mechanical performance of interphase precipitation steels, but the precise role of Mo in interphase precipitation behavior is not fully understood. In this contribution, interphase precipitation behavior in a series of Ti-Mo-bearing low carbon
steels is systematically studied, and the role of Mo in interphase precipitates and its coarsening behavior
is revisited. It is found that (Ti, Mo)C precipitates instead of TiC are formed in the Mo-containing alloys,
and the average site fraction of Mo in (Ti, Mo)C is almost independent of the bulk Mo content. Moreover,
the number density of interphase precipitates can be substantially enhanced by a minor addition of Mo,
albeit it does not further rise with increasing the bulk Mo content. This is because the Mo fraction in
(Ti, Mo)C rather than the bulk Mo content governs the driving force for precipitation nucleation and the
interfacial energy of the (Ti, Mo)C/α and (Ti, Mo)C/γ interfaces. In addition to the reduced interfacial energy, decrease of Ti trans-interface diffusivity has been identiﬁed as another key reason for the enhanced
carbide coarsening resistance in Mo-containing alloys.
© 2021 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.

1. Introduction
To satisfy the increasing demand for energy-saving and
emission-reduction, various high-strength low-alloy (HSLA) steels
have been developed in the automotive industry. However, the
conventional HSLA steels with the multiphase microstructures are
often prone to stress-concentration during loading, thereby deteriorating the local elongation. About two decades ago, a Ti-Mobearing hot rolled steel [1,2] that possesses a high density of nanosized carbides orderly distributed in the ferritic matrix was developed, which drew extensive attention due to its superior strength
and excellent stretch-ﬂangeability. Nano-sized carbides in the TiMo-bearing steels [3,4] was repeatedly formed at the migrating
interfaces during the austenite (γ ) to ferrite (α ) transformations,
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which is so-called interphase precipitation. Similar phenomenon
has also been observed in many other microalloyed steels (e.g. Nb
[5], Nb-Ti [6], Ti-V [7], V [8]).
Mo is an important element in interphase precipitation steels
as it has been found to play a critical role in number density,
size and distribution of interphase precipitated carbides. Substantial efforts were made to investigate the effects of Mo addition
on interphase precipitation behavior in the Ti-bearing low carbon steels because of their great industrial relevance [8–16]. The
typical alloy composition used are 0.2Ti and 0.1Ti-0.2Mo with a
ﬁxed base composition 0.05C-1.5Mn-0.2Si in mass%. It has been
experimentally conﬁrmed that Mo can partially replace Ti atoms
in TiC to form a complex (Ti, Mo)C, which could substantially enhance the number density of carbide and reduce the carbide size
[1,14]. Using ﬁrst-principles calculations, Jang et al. [17] claimed
that Mo partitioning into TiC could reduce interfacial energy of the
carbide/matrix interface, which assists the nucleation process, but
they also pointed out that Mo partitioning into TiC could decreases
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Table 1
Chemical compositions (mass%) and Ae3 temperatures (°C) for the alloys used in this study.
Alloy

C

Si

Mn

N

Ti

Mo

Fe

Ortho-Ae3

Para-Ae3

NPLE/PLE

0Mo
0.1Mo
0.2Mo
0.3Mo

0.048
0.049
0.050
0.043

0.22
0.19
0.21
0.19

1.48
1.49
1.46
1.50

0.0027
0.0024
0.0027
0.0029

0.092
0.105
0.102
0.098

—
0.096
0.196
0.285

Bal.
Bal.
Bal.
Bal.

839
841
843
845

820
822
824
826

785
786
787
788

gots with dimensions of 220 × 240 × 250 mm3 . After homogenization at 1250 °C for 2 h, the ingots were hot-rolled to the plates
with 7.5 mm thickness followed by air cooling. A Bahr DIL805A/D
dilatometer equipped with a laser diameter detector was used for
the heat treatment. The specimens were machined into standard
cylindrical rods (4 mm in diameter and 10 mm in length) with the
cylinder axis along the rolling direction. They were austenitized at
1200 °C for 3 min to dissolve any pre-existing carbides. The nominal γ grain size for each alloy was measured to be 100 ± 15 μm.
Such small difference is expected to have a negligible effect on
subsequent α transformation. After austenitization, the specimens
were cooled to 660 °C with a cooling rate of 20 °C/s and isothermally held for 30 s to 7.2 ks, followed by helium gas quenching. In
order to examine the effect of Mo addition on carbide coarsening,
the as-quenched specimens were reheated to 660 °C and aged for
16 h in a separate furnace.
Transformed specimens for optical microscopy were polished
and etched by 4% nital. Volume fractions of ferrite were quantiﬁed
by point counting method, and ﬁnal ferrite grain size was measured by linear intercept method. TEM observation (FEI TecnaiG20,
operated at 300 kV), which allows large inclination angle ( ± 30°)
for specimen holder, was carried out to characterize the interphase precipitation. TEM samples were produced by cutting slices
from the dilatometer specimens and were mechanically thinned to
50 μm on SiC papers. Then, the thin-foil specimens were twin-jet
electropolished at 20 V in a solution of 10% perchloric acid and 90%
ethanol at -30 °C. The coarsened carbides in the aged specimens
were extracted by carbon replica method. Their crystal structure,
lattice constant and chemical composition are identiﬁed by high
resolution TEM (HR-TEM) combined with nanobeam EDS (FEI TecnaiF20, operated at 200 kV).
Needle-shaped APT specimens were prepared by using a FEI
Helios G4 CX focused ion beam (FIB) / scanning electron microscope. APT specimens were characterized by Cameca LEAP 50 0 0 XR
instrument with a detection eﬃciency of ∼ 52%. The analyses were
conducted in the voltage pulsing mode at a specimen temperature
of 70 K with a target evaporation rate of 4 ions per 10 0 0 pulses,
pulse fraction of 20%, and a pulse rate of 125 kHz. The APT data
was reconstructed and analyzed using the commercial IVAS 3.8.2
software. MC precipitates (M=Ti, Mo) in the transformed specimens were quantiﬁed by cluster analysis through maximum separation method [21]. 0.85 nm and 10 atoms were selected to be the
values for dmax and Nmin , respectively, based on the nearest neighbor distribution and cluster size distribution. Considering that the
artefact in APT analysis is more signiﬁcant for C compared to the
substitutional elements [22], only metallic elements were taken as
the solute atoms for cluster analysis in this study. Then, the dispersion of interphase precipitation is quantiﬁed by number density
and particle size. The number density of MC (ρ ) can be simply estimated by dividing the number of detected clusters by the volume
of the measured needle specimen. The cluster volume was calculated from the number of Ti+Mo atoms in each MC cluster, taking
into consideration the detection eﬃciency of APT and the lattice
constant of TiC (0.433 nm [23]). The radius of each MC (r) was obtained by assuming the precipitates to have a spherical shape.

the nucleation driving force by increasing the formation energy
of carbides. Therefore, Mo plays a complex role in carbide nucleation. For the Ti-Mo-containing steels, many studies [9,15,16,18]
have showed that Mo contents in (Ti, Mo)C are much higher than
the equilibrium values predicated by Thermo-Calc and the measured compositional ratio of Mo/(Ti+Mo) are unexpectedly close,
which indicates that there may exist a critical Mo composition in
(Ti, Mo)C that corresponds to the minimum barrier for carbide nucleation. Nevertheless, a quantitative analysis of Mo effects on nucleation barrier and thereby nucleation rate is still not available.
Mo addition was also found to retard the carbide coarsening.
The role of Mo in coarsening kinetics of carbides has been comparatively studied in the two aforementioned steels (i.e. 0.2Ti and
0.1Ti-0.2Mo in mass%) [14,17,19]. There have been two mechanisms
proposed to explain the slower coarsening rate in the 0.1Ti-0.2Mo
steel. (i) A lower amount of remaining Ti solutes in the matrix due
to the lower designed bulk Ti content [20]. (ii) A smaller interfacial
energy of the (Ti, Mo)C/matrix interface due to the decreased misﬁt strain by reﬁning the carbide lattice constant [17]. Recently, two
model alloys with the same bulk Ti content (i.e. 0.1Ti and 0.1Ti0.2Mo in mass%) have been studied by Wang et al. [18] through the
small-angle neutron scattering (SANS) technique. They concluded
that Mo addition barely retards the global growth and coarsening of (Ti, Mo)C, which contradicts with the previous observations
[14,17,20].
In fact, carbide coarsening should not only be controlled by
interfacial energy but also by solute diffusion across the carbide/matrix interface. For simple MC precipitates, solute diffusivity (e.g. Ti) near the carbide/matrix interface is usually assumed
to be the bulk diffusivity, while this condition could be different
once the impurity atom such as Mo partitions into TiC, as the interaction between Ti and Mo may alter Ti diffusivity across the carbide/matrix interface. Unfortunately, this issue has not been clariﬁed yet as it is challenging to determine the trans-interface diffusivity of solute by experiments.
In this study, we aim to revisit the physical origin of Mo effects on interphase precipitation behavior in Ti-bearing low carbon
steels. The effects of Mo addition on the nucleation of interphase
precipitates are quantiﬁed by atom probe and high-resolution TEM,
which is also rationalized by theoretical calculations. First-principle
calculations are performed to investigate the effect of Mo on Ti diffusivity across the (Ti, Mo)C/matrix interface, and its contribution
to coarsening resistance of (Ti, Mo)C is discussed.

2. Experimental and simulation
2.1. Experimental
A series of Fe-0.05C-1.5Mn-0.2Si-0.1Ti-based (mass%) alloys
with different amounts of Mo addition were used in the present
work. For simplicity, they are referred as 0Mo, 0.1Mo, 0.2Mo and
0.3Mo alloys hereafter. The chemical compositions and characteristic temperatures are listed in Table 1. All the temperatures were
calculated by Thermo-Calc with TCFE9 database. The steels were
fabricated by vacuum induction melting and then cast into in2
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vα /γ as a function of α fraction for each alloy. It indicates that the
average interface velocity (see insert) decreases with increasing Mo
addition, which has been considered to be caused by solute drag
effect of Mo segregation at the migrating α /γ interface [32,33].

2.2. Simulation
In order to understand the role of Mo in growth (or coarsening) behavior of multicomponent carbide, ﬁrst-principles calculations based on the density functional theory were carried out. All
calculations were performed using the Vienna Ab-initio Package
(VASP) [24]. The projector-augmented wave (PAW) method [25,26]
was used to describe ion-electron interactions, while the generalized gradient approximation (GGA) [27] parameterized by PerdewBurke-Ernzerhof (PBE) [28] were used for electron exchange and
correlation. A plane wave cut-off energy of 450 eV and ﬁrst-order
Mehthfessel-Paxton scheme [29] with a 0.1 eV smearing width
were adopted. During the structural relaxation, both atomic positions and lattice were relaxed until the residual force on any
atom was less than 0.01 eV/Å. The diffusion energy of Ti across
the interface was calculated by using the climbing-image nudgedelastic-band method (CINEB) [30], with the convergence criterion
for atomic forces set at 0.02 eV/Å.

3.2. Interphase precipitation
3.2.1. TEM observations
Fig. 4(a–d) shows the typical interphase-precipitated carbides
in each specimen transformed at 660 °C for 3.6 ks. The planar morphology of interphase precipitation appears frequently in all the alloys. In some α grains, a seldomly reported morphology, called interrupted curved interphase precipitation having an irregular sheet
spacing (ICIP), was occasionally detected, as arrowed in Fig. 4(e).
The intersheet spacing of ICIP is larger than the planar counterpart in general. Similar phenomena have also been observed in
tungsten- and vanadium-containing steels [3]. Since carbide morphology is associated well with the structure of the migrating α /γ
interface, Davenport et al. suggest that the formation of ICIP may
be due to the irregular carbide nucleation on the growing ledges,
i.e. nucleation at either the riser or on the terrace, or both (see
Fig. 12(b) in [3]).
The measured planar intersheet spacing against bulk Mo content is plotted in Fig. 4(f). The circles represent the intersheet spacing averaged from 10 to 15 measurements of individual α grains,
and the solid squares represent the average intersheet spacing obtained from 4 to 5 α grains. It indicates that the intersheet spacing
could vary from 10 to 25 nm but no clear correlation is obtained
for the average intersheet spacing and the bulk Mo content.

3. Results
3.1. Microstructures and transformation kinetics
Fig. 1 shows the optical microstructures of the specimens transformed at 660 °C for 300 s and 3.6 ks, respectively. Allotriomorphic α (AF) is the sole transformation product for all specimens.
The number and size of α grains at the early transformation stage
(300 s) tend to decrease with increasing Mo content, which suggests that addition of Mo can suppress α nucleation. For the 0.3Mo
alloy, the γ →α transformation does not start even after 300 s
(Fig. 1(g)), while the other specimens are almost fully transformed
into AF after holding for 3.6 ks. Since the bulk compositional ratios
in atom percent of C to Ti+Mo in the 0Mo (1:0.5) and 0.1Mo (1:
0.75) alloys exceed 1:1, a few C atoms will be enriched in γ even
all Ti and Mo atoms are precipitated, thus resulting in a very small
amount of martensite, as shown in Fig. 2(b,d).
Fig. 2 shows the kinetics of isothermal γ →α transformation at
660 °C. The solid lines are derived from the dilatation curves using the lever rule, and the dashed lines are obtained by ﬁtting the
measured fractions of interrupt specimens. It is found that Mo addition retards the ferrite formation severely, though the transformation kinetics from the dilatation curve is slightly faster than that
determined by the metallographic method (Fig. 2). In the 0Mo alloy, the transformation stasis is reached at ∼ 0.8 ks, while addition
of 0.3Mo postponed it to ∼ 4.7 ks. The α fractions predicted by
the PE and NPLE/PLE models are plotted in Fig. 2. Only the curves
of the 0.3Mo alloy are shown here due to the negligible difference
between the studied alloys. The α fractions are obviously underestimated by both PE and NPLE models but are in good agreement
with their counterparts that take C consumed by MC precipitation
into account.
It has been well recognized that Mo addition can retard α formation kinetics by suppressing both nucleation and growth [31–
33]. In this study, the α growth kinetics is of more interest since
it can inﬂuence the interphase precipitation behavior as reported
elsewhere [34–36]. Due to the irregular α morphology and relatively small grain size, it is hard to accurately derive the interface
velocity (vα /γ ) by following the traditional method, i.e. measuring
the maximum half thickness of α as a function of reaction time.
Thus, we chose to use Eq. (1) to estimate the average vα /γ in the
present work [37]:





df /dt = 3 1 − f 2 R̄−1 vα /γ arctanh(2/3) ( f )

3.2.2. APT analysis
APT analysis is performed to quantify the dispersion of MC interphase precipitates. Since occurrence of local magniﬁcation effects cannot be excluded especially for the clusters with a size of
< 1 nm, here we only choose the precipitates that have a relatively large size for compositional measurements, because the data
from such kind of precipitates are more reliable than the nanoclusters due to the weaker artefacts. Fig. 5(a) shows the threedimensional atom maps of Ti, Mo, C and Mn for the 0.3Mo specimen transformed at 660 °C for 3.6 ks. The localized enrichment
of Ti, Mo and C atoms indicates that complex (Ti, Mo)C precipitates are formed. In contrast, the distribution of Mn atoms is uniform. Fig. 5(b) gives an enlarged map of one relatively large precipitate as highlighted by the dashed circle in Fig. 5(a). According
to the one-dimensional concentration proﬁle measurements along
the three mutually perpendicular directions, the co-precipitation of
Ti, Mo and C atoms are clearly identiﬁed, and their total amount in
the carbide is about 10 at.% balanced by Fe. This is a much lower
percentage than the theoretical composition of B1-type MC precipitate (i.e. 50 at.% M and 50 at.% C). Similar results have also been
reported in other types of nanoprecipitates [38,39], and were attributed to an artefact of APT measurement called local magniﬁcation effect [40]. Meanwhile, a hypo-stoichiometry of interstitial C
content with respect to the substitutional carbide formers could be
occasionally found, possibly because of the surface migration before evaporation [22] or the peak overlapping of Ti2+ and C+
ions
2
at 24 Da in mass spectra [41]. Furthermore, unlike the formation of
compositional core-shell structure of (Ti, Mo)C in γ [19] or those
in Ti, Mo, V-added low carbon steels [7], Ti and Mo atoms here are
uniformly distributed across the (Ti, Mo)C irrespective of the measurement direction (Fig. 5(b)). Therefore, the following quantiﬁcation of interphase precipitates dispersion in the Mo-containing alloys will be done by considering both Mo and Ti as the carbide
formers.
Fig. 6 shows the three-dimensional Ti atom maps in α grains
for each alloy transformed at 660 °C for 3.6 ks with superimposed

(1)

where df/dt is the transformation rate, f is the transformed fraction,
R̄ is the average grain radius of α (46 μm in 0Mo, 52 μm in 0.1Mo,
75 μm in 0.2Mo, 71 μm in 0.3Mo). Fig. 3 shows the calculated
3
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Fig. 1. Optical microstructures of (a,b) 0Mo, (c,d) 0.1Mo, (e,f) 0.2Mo and (g,h) 0.3Mo alloys transformed at 660 °C for (a,c,e,g) 300 s and (b,d,f,h) 3.6 ks. AF: allotriomorphic
ferrite, M(γ ): martensite.

spacing of the 0.3Mo specimen measured in Fig. 6(d) (∼ 9 nm) is
close to the values obtained by TEM (Fig. 5(f)). Fig. 6(e) examines
the distribution of interphase precipitates in the sheet plane. It is
found that the MC precipitates are randomly distributed within the
sheet plane, while the interparticle spacing estimated (∼ 13 nm) is
quite comparable to the intersheet spacing, implying that the interparticle spacing might be of equal importance to the intersheet
spacing for precipitation hardening.

1.5 at% Ti iso-concentration contours. Both random-like (Fig. 6(a–
c)) and sheet-like dispersions (Fig. 6(d)) of MC precipitates can be
captured. It should be noted that the sheet-like morphology does
not always appear for interphase precipitation indeed, while the
nanosized precipitates near the α /γ interface could be distributed
randomly in many conditions, which has already been veriﬁed by a
dedicated APT study [42]. Thus, the randomly-distributed carbides
here are expected to be formed by the manner of interphase precipitation as well. APT characterization shows that the intersheet

4

H. Dong, H. Chen, A. Riyahi khorasgani et al.

Acta Materialia 223 (2022) 117475

Fig. 2. Kinetics of ferrite transformation at 660 °C for each alloy.

Fig. 3. The estimated interface velocity as a function of ferrite fraction for each alloy. Inset shows the variation of average interface velocity with nominal Mo addition.

Fig. 7 shows the number density (ρ ), average carbide radius (r̄),
volume fraction of carbide (fMC ) and composition of (Ti, Mo)C in
each alloy. According to Fig. 7(a), the number density of MC precipitates increases about 1.7 times upon the addition of 0.1 mass%
Mo, while a further increase in the bulk Mo content leads to a negligible change. The difference in average carbide radius between
these alloys is minor. This could also be conﬁrmed by the hardness and tensile tests as seen in Supplementary material Fig. S1
and S2. Both hardness and yield strength of the 0.1Mo steel are
substantially higher than those of the 0Mo steel but are compa-

rable with the 0.2Mo counterparts. In Fig. 7(b), the volume fractions of carbide in the Mo-added alloys are more than 2 times
larger than that in the 0Mo alloy, while all of them are much lower
than their equilibrium values predicted by Thermo-Calc, which indicates that half or more than half of the carbide-forming elements
must have remained in solid solution. Similar result was also obtained in the case of VC interphase precipitation [43]. The effect
may be attributed to the Gibbs-Thomson effect as a result of the
nanoscale particle size [44], i.e. an additional free energy that is inversely proportional to particle size should be added to MC precip-

5
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Fig. 4. TEM micrographs showing the typical morphology of interphase precipitation in (a) 0Mo, (b) 0.1Mo, (c) 0.2Mo and (d) 0.3Mo alloys transformed at 660 °C for 3.6 ks.
(e) An example of the interrupted curved interphase precipitation (ICIP) with irregular intersheet spacing in the 0.2Mo specimen. The discontinuous carbide arrays are
indicated by arrows. (f) Variations of intersheet spacing with nominal Mo addition.

itates when they are in equilibrium with α matrix. Fig. 7(c) shows
the effect of Mo addition on MC composition. In order to mitigate
the inﬂuence of local magniﬁcation effects, the ratio of detected
Mo atoms against Mo+Ti atoms in the large precipitates (r>1 nm)
are used to evaluate the composition. Interestingly, the average Mo
content in (Ti, Mo)C is much higher than the equilibrium value but
is almost independent of the bulk Mo content. The reason will be
discussed in Section 4.2.

rim. To solve this problem, a reported aspect ratio of ∼ 1.4 for (Ti,
Mo)C transformed at 630–680 °C [11] is used in the present study.
The length of minor axes and the carbide radius (r  ) deﬁned as
a radius of sphere having the same volume as that of an oblate
spheroid can thus be expressed as l1 = l2 /1.4 and r  = (l1 · l22 )1/3 ,
respectively. The mean radius is obtained by averaging r  of all the
measured particles in the micrograph, as shown in Fig. 8 (right
side). It reveals that the size of MC precipitates can be reﬁned signiﬁcantly by addition of more than 0.1 mass% Mo, and the distribution of particle radius appears to be narrower in the higher Mocontaining alloys, which is beneﬁcial to lower the coarsening rate.
The physical origin for Mo enhancing the coarsening resistance of
carbide will be explained in Section 4.3.

3.3. Carbide coarsening
Fig. 8 shows the TEM images of coarsened carbides in each alloy
aged at 660 °C for 16 h. It is evident that the carbides in the 0Mo
and 0.1Mo specimens are much coarser than those in the 0.2Mo
and 0.3Mo alloys, which indicates that addition of more than 0.1
mass% Mo can enhance the carbide coarsening resistance substantially. This result is also consistent with the variation of the measured hardness as shown in Supplementary material Fig. S1. The
carbide morphology exhibiting a shape of an oblate sphere can be
clearly observed in the carbon replica. Due to the existence of projection error, it is hard to obtain the length of minor axes l1 of
carbides while the length of major axes l2 is accessible by measuring the maximum distance between two points on the precipitate

4. Discussion
4.1. Effect of Mo addition on intersheet spacing
Intersheet spacing is a key microstructural feature for the interphase precipitation steels. The average intersheet spacing of MC
precipitates changes slightly with the bulk Mo content (Fig. 5(f)),
implying that addition of Mo might have a minor effect on the
ledge height of the α /γ interface. According to the superledge
6
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Fig. 5. (a) Three-dimensional atom maps of a ferrite grain in the 0.3Mo alloy transformed at 660 °C for 3.6 ks. (b) An atom map of one (Ti, Mo)C nanoprecipitate (as
highlighted by a dashed circle in (a)) and one-dimensional concentration proﬁles along three perpendicular directions.

γ →α

model [45], the critical ledge height, h∗ , of the partially coherent
interfaces correlates with the interfacial energy of the α /γ interγ →α
face (σα /γ ) and the driving force for α nucleation (Gm ), i.e.
γ →α

h∗ = σα /γ Vm /Gm

γ →α

to Gm . For the evaluation of Gm
in a multicomponent system, we ﬁrstly assume that the substitutional alloying elements
(e.g. Mn, Ti, Mo) do not partition between the α and the parent
γ , and C content in α (xCα ) is in paraequilibrium with γ . Then,
Gγm→α can be calculated as

(2)

Assuming that σα /γ is negligibly inﬂuenced by the minor Mo
addition, the effect of Mo addition on h∗ should be strongly linked



Gγm→α = xCα μCγ + xMn μγMn + xT i μγT i + xMoμγMo − Gα
7

(3)

H. Dong, H. Chen, A. Riyahi khorasgani et al.

Acta Materialia 223 (2022) 117475

Fig. 6. Three-dimensional Ti atom maps superimposed by 1.5 at.% Ti isoconcentration surface of ferrite grains in (a) 0Mo, (b) 0.1Mo, (c) 0.2Mo and (d) 0.3Mo alloys transformed at 660 °C for 3.6 ks. (e) Distribution of interphase precipitates in one sheet plane extracted from the 0.3Mo alloy.

0.8 J/m2 is assumed for σα /γ as a typical incoherent interface [46].
Then h∗ is estimated to be ∼ 14 nm by Eq. (2), which is quite comparable with experiments.

where xi is the mole fraction of alloying elements in the bulk,
μγi is the chemical potential of alloying elements in γ , Gα is the
free energy of α that is in paraequilibrium with γ . By extracting
the thermodynamic data from Thermo-Calc and substituting them
γ →α
into Eq. (3), the value of Gm
is calculated to be 409–416 J/mol
for the investigated alloys. Therefore, according to the superledge
model, addition of Mo should have a marginal effect on the intersheet spacing, which is in good agreement with our experimental
observation. Given the fact that interphase precipitation tends to
occur at the non K-S interface rather than the K-S interface [42],

4.2. Effect of Mo addition on the number density of precipitates
Compared with the intersheet spacing, it could be more important to elucidate the effect of Mo addition on number density as
it determines the interparticle spacing in the slip plane and thus
the mechanical properties. The number density of non-coarsened
8

H. Dong, H. Chen, A. Riyahi khorasgani et al.

Acta Materialia 223 (2022) 117475

Fig. 7. (a) Number density, average carbide radius, (b) volume fraction and (c) average Mo content in (Ti, Mo)C as a function of nominal Mo addition in the alloys transformed
at 660 °C for 3.6 ks.

energy of the α /MC and γ /MC interfaces, respectively, Gs is the
strain energy due to lattice misﬁt, V = (4/3 )π r 3 , S1 = S2 = 2π r 2 ,
S3 = π r 2 . By differentiating Eq. (5) and ignoring the last term,
we can obtain the critical nucleus size (r ∗ ) and activation energy
(G∗ ) as

precipitates is often controlled by nucleation rate. According to the
classical nucleation theory [47], the nucleation rate of MC (I) at the
migrating α /γ interface can be expressed as



I∝N·

Dint
M

· exp −

G ∗



kT

(4)



∗

r =

Dint
M

where N is the number of nucleation sites per unit volume,
is the diffusivity of Ti or Mo along the α /γ interface, G∗ is the
activation energy for MC nucleation at the interface, k is the Boltzmann constant and T is the temperature. In this study, nucleation
sites of interphase precipitation are located at the migrating interface and the number should be proportional to the interface area
per unit volume. Among the studied alloys, the value of N for the
0Mo alloy should be the largest as it has the smallest ferrite grain
size. Dint
is usually assumed to be the same magnitude as the grain
M
boundary diffusivity for Fe [48]. Note that N · Dint
for the Mo-added
M
alloys is smaller than that of the 0Mo alloy while their number
density of interphase precipitation is much higher. The emphasis
in the subsequent analysis is thus placed on the effect of Mo on
G ∗ .
To derive the formula of G∗ , heterogeneous nucleation of MC
interphase precipitation at the α /γ interface is considered. Fig. 9
shows the sketch of MC nucleation at the terrace plane of the α /γ
interface. Assuming that the MC nuclei has a sphere shape with radius r, the associated free energy change of system can be written
as

G = −V · Gv + S1 σα/MC + S2 σγ /MC − S3 σα/γ + V Gs



2σα /MC + 2σγ /MC − σα /γ VmMC

G ∗ =

2 G m


3 
2
π 2σα/MC + 2σγ /MC − σα/γ
VmMC
12
G m

(6)

(7)

Since incorporation of Mo in TiC have been conﬁrmed to increase the formation energy of TiC (i.e. reducing the driving force
for nucleation) but decrease the interfacial energy of the α /TiC interface [17], it can be realized that Mo addition can affect G∗ in a
competitive manner according to Eq. (7), which should yield a critical condition that corresponds to the minimum G∗ and thereby
the maximum I for interphase precipitation. In order to unravel
the role of Mo in number density, we thus propose an alternative
mechanism that considers the competitive effects of Mo partitioning into TiC on both Gm and σα , γ /MC .
Due to absence of thermodynamic information about the interface, the exact value of Gm for interphase precipitation is still
disputed. Here we assume that the interface migration proceeds in
the NPLE mode where chemical potentials of Ti (μT i ), Mo (μMo)
and C (μC ) in α and γ (with spike composition) at the interface
are the same. Such assumption has been experimentally veriﬁed in
an interphase precipitation study [49]. Gm can be calculated as:

(5)

where Gv (= Gm /VmMC ) is the driving force for MC
nucleation, VmMC is the molar volume of precipitates (∼
TiC = 1.2 × 10−5 m3 /mol), σα /MC and σγ /MC are the interfacial

Gm = ( (1 − x )μT i + xμMo + μC ) − G(T i1−x Mox )C
9
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Fig. 8. Carbide distribution in carbon replicas and the corresponding statistical carbide radius for (a) 0Mo, (b) 0.1Mo, (c) 0.2Mo and (d) 0.3Mo alloys transformed at 660 °C
for 16 h.

where x is the site fraction of Mo in carbide, G(T i1−x Mox )C is the
free energy of carbide. Fig. 10(a) plots the calculated Gm as a
function of x by Thermo-Calc. It indicates that the Gm decreases
linearly with increasing x, while the bulk Mo content only has a
marginal effect. The experimentally measured compositional range
of (Ti, Mo)C is highlighted in the ﬁgure, and it shows that the Gm

for (Ti, Mo)C precipitation can be reduced by about one third of
the pure TiC counterpart.
Then we consider the effect of Mo on interfacial energy of the
α /MC and γ /MC interfaces. For the coherent (001) TiC/α and TiC/γ
interfaces, the reported values of σα /T iC are in the range of 0.18 to
0.339 J/m2 [17,50,51] and those of σγ /T iC are ∼ 0.49 J/m2 [52,54].
10
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sare much lower than that for the B1-type carbide. It is interesting
to note that such a low level of Gm can still yield a reasonable
value for r∗ (∼ 0.24 nm)2 as the BCC nucleus keeps fully coherent
with α matrix and thus should have quite low interfacial energy.
Fig. 10(e) plots the calculated G∗ as a function of x. In this scenario, using k = 0.58 is the most appropriate to explain the measured composition of (Ti, Mo)C, while k values below 0.3 will lead
to the MCs to form as a pure TiC embryo as shown in Fig. 10(f).
Furthermore, the fact that the derived value of G∗ in this case
(1.15 × 10−20 J) is much lower than that for the nucleation of B1type carbide (1.40 × 10−18 J) suggests that BCC-type phase is more
energetically favorable than the B1-type phase to be a nucleus candidate, and might be responsible for the experimental observations
[15].
Regardless of the nucleation scenario assumed, the ﬁtting value
of k should reﬂect the synergistic effects of Mo, including reduction of interfacial energy of both the α /MC and γ /MC interfaces
by strengthening the atomic chemical bonding, mitigating the interface misﬁt strain and possibly promotion of vacancy formation
[17] in carbides. Table 2 summarizes the measured Mo content in
(Ti, Mo)C from other independent studies on Ti-Mo steels with
bulk compositions close to the current 0.2Mo alloy. Interestingly,
the Mo contents in (Ti, Mo)C obtained from the specimens transformed at 650–680 °C by different characterization techniques, are
all around 30%. Such an unexpected coincidence indicates that the
mechanism proposed in this study may be reasonable. In Ref. [1],
the Mo content in (Ti, Mo)C formed during the continuous cooling
was found to reach ∼ 46%, which could be ascribed to the value of
Gm that is temperature dependent.
In summary, Mo addition can increase the number density of
MC by decreasing G∗ , while a further increase of the bulk Mo
content can hardly increase the number density as Mo content in
(Ti, Mo)C is almost independent on the bulk Mo content.

Fig. 9. Sketch of MC nucleation at the migrating α /γ interface under ledge mechanism.

By substituting these data and σα /γ = 0.8 J/m2 into Eq. (6), r ∗ ,
however, is estimated to be only 0.04 nm, which is unreasonably
small. Actually, the interfacial energy consists of both chemical and
structural components, and the latter arises from the lattice misﬁt between carbide and α matrix. The underestimation of r∗ could
be because σα /MC and σγ /T iC derived by ﬁrst-principles calculations
only include the chemical contribution. Thus we take the values of
σα /T iC and σγ /T iC as 1.25 J/m2 [53] and 2.38 J/m2 [54] instead1 ,
where the former value is close to the reported ab initio calculation [55] that considers the contribution of lattice misﬁt.
Even though the ﬁrst-principles calculations could reveal a
quantitative correlation between chemical interfacial energy and
Mo content in (Ti, Mo)C as seen in Supplementary material Fig.
S3, the dependence of structural component of σα /MC and σγ /MC on
x remains unclear. We now propose two assumptions to simplify
the analysis, i.e. assuming that (i) interfacial energy decreases linearly with x, e.g. σα /MC = 1.25 − kx (k is slope) and that (ii) the dependence of σα /MC and σγ /MC on x is equal (i.e. kα =kγ ). Fig. 10(b)
shows the calculated G∗ as a function of x with different k values. As G∗ is similar for different alloys, only the calculation result of the 0.2Mo alloy are shown here. It is found that G∗ decreases monotonously with increasing x when k = 2.0, which suggests that incorporation of Mo into TiC can assist carbide nucleation but it fails to explain the measured compositional range of
(Ti, Mo)C. The weak dependence of (Ti, Mo)C composition on the
bulk Mo content (Fig. 7(c)) indicates that there may exist a critical composition x∗ (in the nucleation stage) that corresponds to
the minimum G∗ . Thus, a smaller k is needed to rationalize the
observed results. By decreasing k, an energy valley point starts to
appear and the corresponding x∗ gradually reduces. The ﬁgure suggests that using k = 1.43 is the most appropriate to reproduce the
experimental data, while a further decrease of k will increase the
G∗ and make the valley point disappear. Fig. 10(c) plots the predicted x∗ as a function of k. It reveals that x∗ is sensitive to the
choice of k and will become 0 (i.e. TiC) when k is reduced to 1.25.
Recently, some nanoclusters with a BCC structure have been
captured by HR-TEM in Ti-Mo [15] and V-microalloyed [56] steels,
suggesting that the embryo for interphase precipitation at the nucleation stage could be a metastable BCC phase rather than the
equilibrium B1-type phase. Here we perform an approximate thermodynamic calculation for the nucleation of BCC-type nuclei. Similar to the case of B1-type carbide, Gm for the BCC nucleus decreases with increasing x (Fig. 10(d)), while the absolute value-

4.3. The role of Mo in carbide coarsening
Our TEM observations indicate that carbide coarsening can be
signiﬁcantly inhibited by addition of more than 0.1mass% Mo,
which is in accordance with the ﬁndings in previous studies on
the similar steels [14,17,20]. The possible effect of Mo on enhancing the coarsening resistance of TiC is often discussed according to
the Ostwald’s ripening theory:

r 3f − r03 ∝ CT i DT i σα /MC

(9)

where r f is the mean particle radius after aging, r0 is the initial
size, σα /MC is the interfacial energy of the MC/α interface, CT i is the
equilibrium concentration of Ti in α matrix and DT i is the volume
diffusivity. Fig. 11 shows the HR-TEM images of the nanosized carbide extracted from the 0Mo and 0.2Mo specimens after 16 h aging. The fast Fourier transformed diffractogram conﬁrms that the
precipitates in both steels have B1-type structure. By measuring
the reciprocal of interplanar spacing of (002)MC (see the yellow
line), the lattice constant of TiC and (Ti, Mo)C is estimated to be
0.438 nm and 0.424 nm, respectively, both of which are comparable to their reported values (TiC [23,57], (Ti, Mo)C [9,15]). Suppose
that aα =0.287 nm, the lattice misﬁt between TiC and α matrix is
estimated to be 7.3% while that for (Ti, Mo)C is only 4.3%. Such
a big drop indicates that Mo could reduce the interfacial energy
of structural component effectively. Furthermore, as shown in Supplementary material Fig. S3, the chemical component of the (100)
MC/α interface also decreases with increasing the Mo content in
2
The interfacial energy between BCC nucleus and α (or γ ) remains unknown. We
expect these values should be smaller or comparable with the chemical interfacial
energy of B1-type nucleus. Therefore, the r ∗ for pure TiC cluster is estimated to be
0.24 nm by using σα /T iC = 0.339 J/m2 and σγ /MC = 0.490 J/m2 .

1
By using σα /T iC = 1.25 J/m2 and σγ /T iC = 2.38 J/m2 , r ∗ is estimated to be
0.47 nm, which is an acceptable value for carbide nucleation.
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Fig. 10. (a,d) Calculated nucleation driving force and (b,e) activiation energy as a function of Mo site fraction (x) for (a,b) B1-type and (d,e) BCC-type nuclei at 660 °C. (c,f)
plot the stable carbide compostion (x∗ ) against k values.
Table 2
Summary of the measured average Mo content in (Ti, Mo)C by different characterization techniques. The bulk composition of these materials is close to the current 0.2Mo alloy.
Ref.
o

Temperature, C
Method
Mo/(Ti+Mo), x

[9]

[15]

[18]

[16]

[1]

Present study

680
STEM-EDS
∼34%

650
APT
∼30%

650
SANS
∼25%

650
APT
∼33%

Continuous cooling from 950 °C
Chemical extraction
∼46%

660
APT
∼29%

(Ti, Mo)C. Thus, one important reason for Mo addition to enhance
the coarsening resistance of (Ti, Mo)C is lowering the interfacial
energy of the MC/α interface both chemically and structurally.
On the other hand, by neglecting the term of r03 in Eq. (9),
the r 3f of the 0Mo alloy is estimated to be ﬁve times larger than
that of the 0.2Mo alloy based on the experimental results (Fig. 9),
which in other word suggests that CT i DT i σα /MC should be reduced
ﬁve times by Mo addition. Such a large decrement, however, can
hardly be explained by only considering the term of σα /MC . In fact,
the rate of carbide growth and coarsening are both controlled by
solute diffusion in matrix near the MC/α interface, which at an
atomic scale requires Ti atoms to overcome the diffusion energy
barrier to attach to the MC. For simple MC precipitates, Ti diffusivity across the MC/α interface (Dtrans.
) is often assumed to be
Ti
equal to the bulk diffusivity (DT i ) in α . However, Mo partitioning
into TiC could lead to the change of Ti activity across the MC/α
interface and thus inﬂuence the trans-interface diffusivity of Ti via
interaction between Mo and Ti atoms. In order to check whether
such an interaction exists or not, ﬁrst-principles calculations are
subsequently performed.
Here, we simulated the migration behavior of Ti across the coherent interface between the BCC-α matrix and (Ti, Mo)C precipitates. Starting with the coherent TiC/α phase boundary with
a dimension of 4.68 × 4.68 × 20.73 Å, the supercells containing (Ti, Mo)C/α phase boundaries can be constructed. Two scenarios, i.e. Ti0.75 Mo0.25 C and Ti0.5 Mo0.5 C, with random substitution
of Ti lattice sites by Mo are built by employing the similar local
atomic environment method [58,59], which optimizes the atomic

conﬁgurations through two-body and three-body correlation
functions.
Fig. 12(a–d) describe the atomic arrangement of various atoms
at the Fe-MC interfaces obeying the Baker-Nutting orientation relationship. At the interface, the C atoms located on the ocatahedral interstitial sites of (Ti,Mo)C correspond to the positions of Fe
atoms in the BCC structure. The migration of Ti across the interface involves the formation of a vacancy at the interfacial layer of
MC and movement of the vacancy towards the interfacial Fe layer.
Fig. 12(a) shows an example that one substitutional Ti atom initially positioned in Fe (left ﬁgure), ﬁnally moves to the boundary
of MC to form a complete MC layer (right ﬁgure). The total energy
difference between the initial state and the transition state gives
the migration energy. Indeed, the migration path is the shortest (∼
3.5 Å) one from Fe to MC phase, and is close to the jump distance
for solute diffusion in α -Fe (∼ 2.5 Å). Fig. 12(d) shows the proﬁles of diffusion energy of Ti across the α /MC interface. The activation enthalpy for self-diffusion of Ti (Hm ) corresponds to the energy peak with respect to zero. Clearly the Hm increases with increasing Mo content in MC, which leads to an energy increment of
0.05 eV for Ti0.75 Mo0.25 C and 0.20 eV for Ti0.5 Mo0.5 C. Such energy
differences can yield Dtrans.
being 2 to 13 times smaller than that
Ti
in the Mo-free alloy, which gives a strong indication that Mo partitioning into TiC also plays a signiﬁcant role in the local Ti diffusivity near the (Ti, Mo)C/α interface and thus the coarsening rate. The
physical origin lies in the repulsive interaction between Ti and Mo
atoms, which is expected to be applicable to other multi-alloying
systems like V-Mo and Nb-Mo.
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Fig. 11. HR-TEM, fast Fourier transformed diffractogram (FFT) and inverse fast Fourier transformed diffractogram (IFFT) images of nanosized carbide extracted from the (a)
0Mo and (b) 0.2Mo specimens after 16 h aging (For interpretation of the references to color in this ﬁgure, the reader is referred to the web version of this article).

Fig. 12. Structures and CINEB results for simulating Ti diffusion from α matrix to MC carbide with different composition: (a) TiC, (b) Ti0.75 Mo0.25 C, (c) Ti0.5 Mo0.5 C. (d)
Diffusion energy proﬁles of Ti across the α /MC interface. The structures in (a)–(c) at left side and right side represent the atomic conﬁgurations before and after diffusion.
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In this study, the interphase precipitation behavior in Ti-Mobearing low carbon steels was systematically studied by combining
the multi-scale characterizations and theoretical analysis. It was interestingly found that the average site fraction of Mo in (Ti, Mo)C
was almost independent on the bulk Mo content. Compared to the
Mo-free alloy, the number density of interphase precipitates was
substantially enhanced by Mo addition, while it can hardly be enhanced via further increasing the bulk Mo content. The number
density is intrinsically controlled by the fraction of Mo in (Ti, Mo)C,
which competitively inﬂuences the driving force for (Ti, Mo)C nucleation and the interfacial energy of the (Ti, Mo)C/α and (Ti,
Mo)C/γ interfaces. The coarsening resistance of interphase precipitates can be notably improved by Mo addition (> 0.1mass%) that
reduces both the interfacial energy and Ti trans-interface diffusivity.
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